Introduction
Provided that their molecular weight is sufficiently high to form a real physical network, generally 8 to 10 times the molecular weight between entanglements, all polymers are intrinsically tough. Nevertheless they sometimes appear to be brittle, Polymers are intrinsically tough although they can suffer from extreme localization of the deformation. A pronounced softening after yield, followed by a low hardening, promotes this extreme localization. Post-yield behavior is directly related to the polymer entanglement density, thus to the chain stiffness. A number ofrather academic-experiments, using (in order of increasing entanglement density) Polystyrene (PS), Polymethylmetacrylate (PMMA) and Polycarbonate (PC), clearly demonstrate the importance of the intrinsic post-yield behavior on the macroscopic response. Furthermore polymers differ in their capability of sustaining triaxial stresses, yielding cavitation and -ultimatelycrazing. This phenomenon causes notch sensitivity of all polymers, including the so-called tough PC. To overcome this problem, the materials should be made heterogeneous. This paper addresses the use of the Multi-Level Finite Element Method to analyze the heterogeneous deformation of two-phase polymer blends. Two important length scales are considered: the heterogeneous RVE (representative volume element) and that of the continuous scale. Analyses like these not only improve our understanding of the phenomena that occur on the different scales, but also give directions towards improvement of existing materials.
either during simple slow speed tensile testing (e.g. PS) or, alternatively, under low and high speed, notched, loading conditions (e.g. PC), and worldwide much effort is put in circumventing these obvious problems. Generally heterogeneity is introduced by creating a second dispersed phase. Although for semi-crystalline polymers even hard inclusions proved to be effective, provided that their mutual distance was below a critical value such that the anisotropic crystal orientations could be exploited (1, 2, 3, 4, 5, 6) , in amorphous polymers up to now only rubbers proved to be successful. Introducing a rubbery phase has a drawback -modulus and yield strength decrease. As a consequence, optimization is sought, by changing the final morphology of the systems investigated and by tuning the properties of the dispersed phase. Recently, modeling capabilities, using relatively advanced constitutive equations and finite element methods, have become mature to the point whereas useful trends can be predicted. The fully 3D constitutive equations used today describe in a proper sense the elastic response, the rate and temperature dependent yield, the intrinsic softening and subsequent hardening behavior of the materials investigated, making use of a principally visco-elastic description. Following the original contributions of Boyce et al. (7, 8) nowadays multi-mode versions of the compressible Leonov model (describing a fluid), as proposed by Baaijens (9) , are used to model polymer solids. The relaxation times, or viscosity's, of the distinct modes of the constitutive model are strongly stress dependent and decrease about 18 decades when the stress increases from zero to -only-40 MPa (10, 11, 12) . Yield is thus seen as a stress-induced passage of the glass transition temperature, where the secondary bonds loose connectivity. Softening is added in the model using a more or less empirical approach (13, 14, 15) . The network contribution (stretching of the surviving primary bonds) is represented by an extra spring, placed in parallel. Different expressions are available to describe the hardening, 3 and 8 chain models by Boyce (16) , full chain models by Wu and Van der Giessen (17), whereas, in many cases, a simple Neo-Hookean approach proves to be sufficient (15, 18) . The final failure of the stretched network is caused by a stress-induced flow (disentangling) or by chain breakage (19, 20) .
Amorphous polymers differ in their resistance to triaxial stress states. Surpassing a maximum value (estimated to be 40 MPa for Polystyrene, PS; 75 MPa for Polymethylmetacrylaat, PMMA; and 90 MPa for Polycarbonate, PC (21, 22, 23) matrix cavitation is induced and ultimately crazing occurs. Moreover polymers differ in a subtle manner in the relative importance of the intrinsic softening, that can lead to catastrophic localizations. It is the purpose of this paper to illustrate this by a number of dedicated experiments on one hand and advanced calculations of the deformation and failure of homogeneous and heterogeneous polymeric systems on the other hand. The paper is organized as follows: First in an experimental approach homogeneous polymers are examined under different loading conditions. Subsequently, numerical investigations on homogeneous and heterogeneous polymeric systems are performed that basically confirm the outcomes of the experiments on homogeneous systems. Finally, validation is sought by tuning the microstructure of specially designed heterogeneous polymer systems.
Experimental results on homogeneous polymers
A breakthrough in the investigations of the response of different polymers upon loading was achieved by applying compression, rather than the classical tensile tests (24) . Figure 1 contains the well-known tensile response of brittle PS, intermediate PMMA and tough PC (Figure 1a ) as compared to their compression behavior ( Figure  1b) . The compression tests tend to promote a homogeneous deformation. These tests were stopped when the samples showed barreling. The maximum draw ratio, as determined by the maximum network deformability (25, 26, 27, 28, 29, 30, 31, 32) was, consequently, not yet reached. The differences of the three polymers tested, PS, PMMA and PC respectively, are, in compression, only minor and one would not easily predict their tensile behavior based on these experiments that reflect their intrinsic response to loading. Three, rather academic but notwithstanding relevant, tests on homogeneous PS, PMMA and PC have been performed, see (33) for further details and a more elaborate discussion. The difference between tensile and compression response was investigated under superposed pressure, under high temperatures and after mechanical rejuvenation. A superposed hydrostatic pressure exceeding 0.4 kbar was shown to be sufficient to suppress crazing (34), since the criterion of maximum triaxial (dilative) stress (40 MPa for PS) is never reached. Not surprisingly, the brittle tensile behavior of PS has completely disappeared and a deformation behavior like that achieved in compressive loading is obtained. Similar arguments hold for PMMA, which also completely loses its apparent brittleness and defect sensitivity upon applying a superposed pressure.
The second experiment increases the test temperature, finally approaching the glass transition temperature. Modulus and yield strength, as measured in compression, of course decrease, demonstrated for PS and PMMA in Figures 2a and 2b , respectively. More important is, though, the difference observed between the intrinsic All results of the influence of testing temperature and speed can be summarized in one figure. Figure 5 plots the yield drop observed in a compression test, defined as the difference in the maximum value of the stress-strain curve, the yield point, and the minimum value after yield, caused by intrinsic softening, versus the strain rate applied. Straight lines are found, shifting to lower values at higher temperatures. Above a yield drop of approximately 25 MPa, brittle fracture is observed, below this value ductile behavior is found. This so-called critical value of the yield drop, found at least for the test geometry used, clearly illustrates the importance of the details in post yield behavior of polymers, more specific the overruling influence of the intrinsic softening. This is further demonstrated via a number of intriguing mechanical rejuvenation experiments, our third test.
Thermal pre-conditioning or mechanical pre-deformation have a significant effect on the macroscopic deformation behavior of amorphous polymers. Cross and Haward observed that quenched samples of PVC showed uniform deformation in tensile (35) , whereas annealed samples showed necking. Bauwens (36) prevented necking in PVC by a preceded alternating bending procedure applied on the sample. This this was also shown to be the case for PC, since G'Sell obtained uniform deformation in simple shear, after plastic cycling (37, see also: 38 and 39). Ender and Andrews performed cold drawing experiments on pre-deformed PS (40) . We redesigned these procedures, in order to be able to measure the intrinsic material behavior. First the results of PC will be discussed. Figure 6a shows the dramatic change in intrinsic behavior of PC after mechanical rejuvenation by twisting cylindrical PC samples at room temperature over 720 degrees and back. The softening has been completely removed and tensile and compression results are comparable. After yield, the original hardening curve is recovered, indicating that the network structure has been unaltered by the rejuvenation test and no measurable molecular orientation resulted.
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Figure 6. Influence of mechanical rejuvenation on compression and tensile behavior of PC (a) and PS (b).
In contrast to the standard PC samples, during tensile testing of the rejuvenated samples no macroscopic necking was observed and the deformation proceeds homogeneous over the total sample length, until final failure occurred. However, with ongoing time after rejuvenation, the yield stress gradually increases and the subsequent strain softening returns, due to volume relaxation or physical aging. After 10 days, yield stress and strain softening have recovered considerably. Full recovery [-] takes in the order of three weeks. PS and PMMA crazed, during twisting and were, consequently, mechanically rejuvenated in a different way. Of both materials, tensile testing bars were cold rolled on a slow speed hand-controlled two roll mill (diameter of the rolls was 45 mm), reducing the thickness to 68%. As a result, the width and length of the tensile bars increased. The rolled PMMA tensile bars show a similar effect while here the recovery time is in the order of 3 days. No results are shown, since we concentrate on the more extreme example of PS. Figure 6b shows the tremendous influence of the mechanical rejuvenation procedure. Macroscopic softening is, comparable to PC and PMMA, completely absent, the material is ductile in tensile, no crazes occur -indirectly confirming that crazing should be preceded by localized yield (19)-and the original hardening curve is almost obtained again. The last demonstrates that, although more than in the twisting case, during rolling apparently no significant molecular orientation was induced. The time effect of recovery of strain softening of PS is spectacular. Tests were performed at 10, 20, and 30 minutes after rolling. In the two first tests, some non-critical recovery of the yield stress and strain softening is observed, while at 30 minutes after pre-deformation, for PS brittle fracture is found again. (Especially this influence of pre-deformation on the mechanical behavior in tensile of PS is a nice classroom example. After rolling, knots can be made in the tensile test bar at the beginning of the lecture. Leaving the knotted bar on the desk, during further explanation, it can be broken in a complete brittle way, at the end of the lecture.)
The post-yield behavior of polymers is decisive for their macroscopic response, brittle or ductile. Intrinsic softening causes localization of the deformation. Too strong yield drop leads to catastrophic localization and early failure. In Figure 5 this critical stress drop after yield was observed of approximately 25 MPa, for the test geometries used. This value is not confirmed by the mechanical rejuvenation experiments, where fracture appears to occur at lower values of the yield drop. Obviously more accurate compression and tensile experiments, after rejuvenation followed by physical aging, are required. We do not doubt that these could be performed, but rather point your attention to the following observation. The time effects during volume relaxation and physical aging, that bring back, after a mechanical rejuvenation treatment, the original yield stress and the intrinsic softening and, consequently, brittleness, are spectacular (3 weeks for PC, 3 days for PMMA and 30 minutes for PS), not understood and unexplored, and deserve much more attention.
Numerical results on homogeneous and heterogeneous polymers
Numerical predictions of the deformation and failure of (heterogeneous) polymeric systems was long hampered by the combination of three problems: the difficult intrinsic materials response, the generally complex microstructure and the unsolved problem how to couple the events in the microstructure to the macrolevel and vice versa. Applying the above-mentioned constitutive equations, using material parameters as determined in compression tests, solved the first problem. The second problem has been overcome by applying a detailed finite element calculation on the microscale, i.e. on RVE (representative volume element) level, which should be both: randomly stacked and large enough to be representative (41) . Finally, introducing a robust, but computationally expensive, MLFEM (multi-level finite element method) analysis (42, 43) recently the third problem has been solved. The numerical simulations strongly support the statement that it are the subtle differences in postyield behavior (softening followed by hardening) that finally determine whether catastrophic localization occurs, and thus brittle behavior. They discriminate between the different polymers used but, moreover, give directions towards possible solutions. We will show (i) the defect versus notch sensitivity of the homogeneous polymers, both yielding craze formation and brittle behavior and thus making heterogeneous systems necessarily, (ii) the RVE-responses of the heterogeneous systems, and (iii) the implications of this behavior for the macroscopic response.
First homogeneous polymers are investigated; using notched tensile testing as the ultimate test. Under the notch, a minor defect is introduced, a local flaw, induced e.g. by the freshly razorblade cut, often applied. The two extremes, PC and PS, are taken as an example. Their intrinsic behavior as tested in compression, see Figure 1b , is used, be it modeled with only one mode, to save computational effort (44) . In this one mode model, care was taken to accurately describe the post yield behavior, while in the elastic, pre-yield range some inaccuracy was accepted. Upon straining PS, already at an extremely low macroscopic strain of 0.25%, the maximum triaxial stress criterion of 40 MPa for PS is reached just below the defect. The material will cavitate. This process repeats and a craze is formed, perpendicular to the loading direction. The material breaks in a brittle manner. PC, on the contrary, shows less pronounced localization, survives the critical stress below the defect, given its higher resistance against triaxial stresses (90 MPa for PC), and the stress concentration shifts to below the notch. Nevertheless also there the critical 90 MPa criterion is reached, be it at a somewhat higher macroscopic strain as compared to PS, and again a catastrophic craze will form, perpendicular to the loading direction, see Figures 7a and 7b.
We can conclude that both materials show catastrophic localization. The difference between the two materials is that PS clearly is defect sensitive, while PC is only notch sensitive. This is in accordance with practical experience that -in slow speed unnotched tensile testing-PS clearly behaves brittle, the intermediate PMMA reaches the yield point, provided that the samples are carefully polished, while PC is tough, see Figure 1a . To solve this apparently general problem, materials must be made inhomogeneous, e.g. by incorporating a softer dispersed phase, usually a rubber. In order to investigate the influence thereof, heterogeneity is introduced in our FEM model and we investigate the response of an RVE, a representative volume element. In order to be representative, the RVE should be large enough. Simulations have taught us that the total RVE response does not significantly change in different simulations using independently constructed RVE's, when circa 300 randomly stacked holes are introduced, see (41, 45) . We used holes as a first representation of a dispersed rubbery phase with a modulus of zero MPa. We used a random stack, since this proved to be decisive in the RVE's final response. The RVE's are constructed by cross sectioning a cube filled with spheres with a plane and, subsequently, meshing this plane. Six different volume fractions holes were introduced of 1%, 2.5%, 5%, 10%, 20% and 30% respectively. Upon loading these RVE's in plain strain with periodic boundary conditions (see below), using the constitutive equation for PC, typical shear band formation and cooperative deformation is found, see Figure 8 , that compares well with macroscopic tests on a 0.1 mm perforated film of PC (30, 46) . PS with voids PS with thin core-shells PS with thick core-shells
Figure 9. Stress-strain response of the RVE's with different volume fraction voids, for PC (top-left) and for PS (top-right, only the 30 vol.%), and the RVE responses of PS with voids and thin and thick rubbery shells (bottom).
Interesting is the mechanical response of the different RVE's, see Figure 9 . Whereas pure PC softens after yield, the addition of voids -apart from the trivial lowering of the modulus and yield stress-makes the softening completely disappear, clearly at least at already 5% volume fraction of voids.
A closer investigation reveals that sequential yielding is the cause of this behavior. Figure 10a presents in a black-white picture these details demonstrated by using the 30-vol.% example. The light grey color indicates those parts that are still only elastically loaded (below yield); black represents all parts that passed the yield point of pure PC. Yield naturally starts at positions of the highest stress (where the ligament between two voids accidentally was small). After hardening, yield is initiated in some other area of the RVE. As a result, yielding gradually spreads out over the total RVE. This is requested for overall tough behavior.
Interesting is now to investigate how PS will perform in an identical RVE. For this purpose, we just change the constitutive behavior from PC to PS, and repeat exactly the same calculation. The results are presented in Figures 9 and 10b 
. Local deformation inside RVE's of PC (a) and PS (b); grey elastic, black plastic.
Compared to PC, in the initial stages of loading, seemingly identical results are obtained. However, the more pronounced softening and less pronounced hardening of PS, causes the ligaments to deform such far, that they hardly can bear any load. They do become so extended that no force can be transmitted towards other regions of the RVE rather than its direct neighbors. Consequently, the bulk of the RVE remains only elastically loaded (and thus 'grey'). A pronounced localization of the deformation is the result and, despite the high breaking stress of the ligaments, they finally will fail. Apparently, PS flows easily after localization, such that it must locally fail, despite of its intrinsic larger drawability. Given its less entangled network structure as compared to PC, yielding for PS involves more molecular orientation in the stretched ligaments and a potentially higher stress to break. It is not the stress bearing capability of the stretched ligaments, but their lack of load bearing capability (stress times cross sectional area) that causes the brittle behavior of PS. Consequently, we must support the filaments during stretching and locally add more stiffness, i.e. resistance to large deformations. This can be realized by filling the voids with e.g. a rubber. We have chosen for a pre-cavitated rubber (yielding a heterogeneous structure that was needed anyway to relieve the triaxial stress state that causes a catastrophic craze, even under a defect) with a thin and a thick shell and a relatively high modulus of 300 MPa. The rubber supports the filaments at both (in our two dimensional plane strain calculations) sides, basically putting two elastic springs in parallel to the filament. As a result, the local hardening of the system is increased. Both measures (thin and thick shells) proved to be sufficient and yield events finally spread out over the whole RVE. This behavior is of course reflected in the RVE's overall mechanical response, that still show softening after yield for the voided PS, in contrast to the voided PC, while in the pre-cavitated rubber filled PS the softening disappeared completely, see Figure 9 and (44).
We will now investigate what the influence is of the RVE responses to the macroscopic response. To couple the two length scales involved, that of the RVE and that of the continuum, macroscopic, scale, is not a trivial issue. Many attempts were tried, including different homogenization concepts. One of the most successful, computationally robust but expensive, methods -proposed in our laboratory by Robert Smit-is the so-called MLFEM, the multilevel finite element method, see (41, 42, 43, 44, ,45) . Its principle is simple. Macroscopically, the material is meshed using a finite element method. In the integration points of every element (4 per element) we descend one level down to the RVE, that is considered to be locally periodic, implying that its neighbors deform identically. The macroscopic continuum is loaded by putting an incremental strain on its boundaries. The local strain as calculated in the integration points of every element (using an estimation of the materials constitutive behavior) is transferred to the boundaries of the RVE. Subsequently, the RVE averaged stress is calculated, by performing a finite element calculation on RVE level, as explained in the preceding section. This stress is transferred to the macromesh, where stress equilibrium is sought, by solving the momentum equation. Iterations with alternating (imposing local strain, resulting in the averaged local stress, yielding overall macroscopic stress equilibrium) analyses on the macro-and micro-level continue, until convergence is reached. Accordingly, the sample is loaded with the next incremental strain step, and the procedure repeats. Basically, this method uses the RVE analysis as a, non-closed form of the, constitutive equation of the heterogeneous system. Neighboring (each in its own periodic) RVE's, only are connected on the macro-level, via the stress balance, thus assuming that between the RVE's in two neighboring integration points a large number of, in deformation gradually changing, RVE's are present. The results of the analyses of unnotched tensile bars are not reproduced here (see 43 for further details) but they show that -in accordance with experiments-macroscopic homogeneous deformation is found, if the RVE response shows no more softening. The results of the notched tensile bar are summarized in Figures 11a and 11b. Explaining the findings of Figure 12 , we should recall that we already knew that homogeneous PS is defect sensitive, while PC is notch sensitive. In both cases the critical triaxial stress state is reached (either under the defect or under the notch in our present test configuration), and a catastrophic craze, perpendicular to the loading direction results for both materials, be it at different macroscopic strains. Consequently, in the macroscopic response almost no strain to break and a negligible plastic deformation is found. For 30% voided PC, the deformation spreads over a large part of the notched tensile bar. No failure criterion is met, the material behaves tough. This might explain why, already at low volume fractions dispersed rubber (see e.g. Van der Sanden et al. (46), who used 5-vol.% 200 nm sized non-adhering core shell rubbers) the notch sensitivity of PC in practice completely disappears. For 30% voided PS, no interesting improvement is found and the material starts to fail due to a too large deformation in the ligaments of the RVE (local remeshing proved to be necessary and the calculation was stopped). In contrast, the 30% pre-cavitated rubber filled PS shows tough behavior, since the deformation starts to spread in a wide area under the notch and calculations were stopped, without hitting any critical stress state, when remeshing proved to be necessary.
Polymers fail due to their inability to resist triaxial stress states. As a consequence in "brittle" PS, under a defect, but also in "tough" PC, under a notch, the inevitable local yield followed by softening leads to matrix cavitation and catastrophic craze formation. Brittle behavior results. Heterogeneity introduced to -at least partly-overcome this problem proves to be effective. The favorable post-yield behavior of PC (not too pronounced intrinsic softening combined with an effective network hardening modulus that starts, given the limited network drawability, in an early enough stage of the deformation) makes that for this material, already simple measures prove to be sufficient. Adding 5-vol% voids, makes softening to completely disappear at the RVE level (inherently due to sequential yielding and sufficient ligament hardening), causing homogeneous deformation and, consequently, overall tough behavior on the macro-level. For PS, the intrinsic network deformability is that large that catastrophic localization is unavoidable and overall brittle behavior is the result. In order to overcome this problem, the deforming ligaments need to be supported. The voids should be filled with a rubber, be it a pre-cavitated rubber since critical triaxial stress states must always be avoided, even under high speed, notched, testing conditions at low temperatures. The supporting roll of the well-adhering rubber shell yields sufficient hardening and PS can be made tough. It should be emphasized that in all analyses presented so far, no explicit length scales were introduced. This issue clearly needs more attention.
Validation
Both, the experimental study to the influence of the post-yield behavior on the macroscopic tensile behavior of homogeneous amorphous polymers as well as the numerical approaches to address the scale problem and allow for the analysis of heterogeneous polymer systems, basically resulted in some relatively simple but straightforward conclusions. Polymers are intrinsically tough, given their strong covalent bonds that form a strain hardening network structure, combined with their weak secondary bonds that reach the glass transition under tension. They apparently differ in their post-yield behavior. In order to overcome defect-, or notch-, sensitivity, polymers should be made heterogeneous and -in an analysis-the RVE studied should both be irregularly stacked and large enough. Most important, however, is that all different measures that improve the mechanical behavior should -in the end-be explained by either (locally) decreasing the polymers yield stress or -alternatively- increasing the polymers hardening modulus. Both measures decrease the yield drop caused by intrinsic softening, and thus prevent the localization to become catastrophic. Well-known measures that have proved to be effective, like crosslinking PS, addition of plasticizers to e.g. PVC or PS, the introduction of heteogeneity and even rubber modification of e.g. PS, are more or less easily explained in these terms.
The existence of an absolute value of a critical ligament thickness between inclusions, below which polymers behave tough, is however not explained yet, since mechanical analyses, including those employing the MLFEM method, are principally scale independent. Consequently, they can not deal with the absolute length scale dependence found in experiments, like the critical ligament thickness for semicrystalline (1, 2, 3, 4, 5, 6) and amorphous (30, 31, 32, 46) polymers. In the first, the influence of trans-crystallinity, yielding orientation of the crystallization and, subsequently, anisotropy of the crystal properties (locally decreasing the yield stress) is fully explored. The length scales involved are related the crystal dimensions and the maximum transcrystallinity distance thus yielding a critical distance between either (easy cavitating) soft or (easy debonding) hard fillers that ranges from typically 0.3 µm for Polyamide (PA) to 0.6 µm for Polyethylene (PE). For amorphous polymers similar effects are not found, although their configuration close to walls will not be random. What has been found in non-adhering core-shell rubber modified amorphous polymers is a critical ligament thickness that is network density dependent, and ranges from 0.05 µm for PS to 3 µm for PC (30, 31, 32, 46) . Originally, we tried to explain the phenomenon of a critical ligament thickness between non-adhering inclusions in amorphous polymers, via a Griffith type of approach (32) . The length scale entered the solution by comparing the (cross sectional) breaking energy of a strained filament with the (volumetric) stored elastic energy in its direct surroundings. Drawback of this approach remains that it is unclear how the polymer knows its breaking energy (and compare that to the stored elastic energy) before it is actually broken. In (32), Kramer used a different approach to explain the experimental findings, by introducing an absolute length scale via the decisive influence of the surface tension. Basically he stated that if the absolute value of a ligament is lower than the thickness of three fibrils in a craze (order 30-50 nm), no crazing can occur.
In terms of the present analysis, the post-yield behavior of a homogeneous or heterogeneous material is a crucial feature. Stabilization is only possible by a softening reduction or hardening improvement. Consequently, either the yield stress or the strain hardening modulus should be influenced by the absolute size of the materials microstructure. Smit (44, 47) tried to explain the experimental findings along this line of thinking. An enhanced mobility of polymer segments near a surface or interface cause the yield stress and strain softening to be reduced. The critical ligament thickness found for PS (order 50 nm) is in the same order of the radius of gyration of PS molecules, and a lower yield stress could therefore easily result. Alternatively, if the localized (shear) deformation zone becomes smaller than the entanglement distance of a polymer chain (9.6 nm for PS), than only part of the chain is strained, by the stress-induced passage of the glass transition temperature (yield), while the remainder of the chain stays in the glassy state. This effectively results in a quasi-decrease in the molecular weight between entanglements, and thus in a larger hardening modulus. This situation is, again for PS, reached when the inclusions are in the order of 30 nm, since the thickness of shearbands formed around inclusions, as calculated by continuum mechanics (still valid on this scale?) are in the order of 15% of the size of the inclusions. Simulations showed that both explanations could -in principal-explain the experimental findings. However, molecular dynamics calculations are needed to get more confidence in these statements.
The validation of the predictions following from the modeling analysis of heterogeneous polymer systems, finally, follows this same line. Using polymerization induced phase separation, meanwhile controlling the coalescence process, special morphologies on the 0.03 µm scale are realized using PS and PMMA as the continuous phase (48, 49, 50, 51, 52, 53) . Reasons to try to create these special morphologies were inspired by the the experimental findings that the brittle to ultimate-tough transition in PS (defined as an increase in its macroscopic strain to break to at least >150%) is prescribed by the interparticle distance and, consequently, shifted from the addition of >50 vol.% non-adhering core shell rubbers to only >30 vol.%, when the size of the dispersed phase decreased from 200 nm (30, 31) to 80 nm (48) . Only one example will be given here, demonstrating the synergistic effects found in semi-IPN's of PMMA-aliphatic epoxy structures (also found, but not reproduced here, in real-IPN's and co-polymers of the same system), see Figure 12 .
The lower volume fractions of these systems (our original target area) still show poor mechanical properties. This proved to be due to an incomplete phase separation process. However, from 30 vol.% and upwards, the tensile toughness of the systems increased tremendously, see Figure 12 , clearly demonstrating its origin in the large deformation capability of the continuous PMMA phase (as compared to the relatively brittle rubber phase). This interesting behavior is, however, not maintained during impact testing. Careful experiments, making use of time-resolved X-Ray scattering at the synchroton lines in Grenoble and Daresbury, showed that this was related to the lack of cavitation capability of the dispersed rubbery phase, upon increasing the deformation rate of testing, see Figure 13 . Pre-cavitation in low speed tensile loading, followed by impact testing at high speeds, showed the expected improvement, see the arrow in Figure 12 .
Discussion
Experimental and modeling efforts on homogeneous and heterogeneous amorphous polymers both emphasize the overruling influence of the materials intrinsic post-yield behavior. In order to obtain ultimate-tough materials, the softening, expressed in the stress drop after yield, should disappear, e.g. on the RVE (representative volume element) level. For different polymers, with their own intrinsic softening (and hardening), consequently with their own yield drop, different measures have to be taken to control the microstructural dimensions and properties, and consequently the RVE's response. For the most challenging material, PS, at present in our laboratories, new routes are being explored to create the "optimal" morphology. They include the use of diblock copolymers, that are selectively miscible in the monomer styrene. Micelles with a size -typically 30 nm-that directly depends on the size of the blocks of the diblock, are automatically formed, provided that the size, and inmiscibility, of the other of the blocks is sufficient. The next step is the polymerization of styrene, making PS the continuous phase, meanwhile changing the quality of the solvent and inducing phase separation at the interfaces of the micelles. This route, principally, provides all tools to tune not only the size, but also the properties of the microstructure that consist of a particular type of core-shell rubbers. Its size should be 30 nm. It should combine an easy cavitating core, thus a low entanglement density by either use a decreased molecular weight or increased chain stiffness (with modulus typically < 3 MPa), combined with a -for a rubber-relatively high modulus shell (around 300 MPa) a PS matrix of 3000 MPa. An easy to remember target given the magic series of orders of the number 3. Results, hopefully positive, will be reported in the near future.
